A FeCoCrNiMo 2.3 high entropy alloy was processed by powder metallurgy with two 10 conditions: hot extruded and annealed. In situ neutron Diffraction, together with electron 11 microscopy, was used to study the deformation mechanisms and concomitant microstructural 12 evolution for both conditions. The as-extruded alloy has a single face-centered-cubic 13 structure with a calculated stacking fault energy of ~19 mJ/m 2 . When the alloy is tensile 14 deformed, nano-twins and microbands are induced, resulting in an excellent combination of 15 strength and ductility. Annealing at 800 °C for 72 h led to an increase of the strength of the 16 alloy, but a decrease of the ductility. This is due to the decomposition of the alloy after 17 annealing, causing the formation of Mo-rich intermetallic particles and a decrease of the 18 stacking fault probability. These results highlight that combined mechanisms (i.e. solute 19 strengthening and twin/microband induced plasticity) can effectively improve both the 20 strength and ductility of high entropy alloys. 21 22
Introduction 23
Higher exponent value is often related to enhanced uniform elongation and more 137 homogeneous deformation, resulting in superior formability [29, 31] . The mechanical properties of tHEA-Mo alloy processed by both routes are listed in 139 Table 1 , together with a few other HEA alloys. A few points can be drawn. 140
Firstly, PM processed tHEA alloys (both FeCoCrNi and FeCoCrNiMo 0.23 ) have higher 141 YS and UTS than those alloys fabricated by casting and thermo-mechanical processing with 142 similar compositions. Casting of HEA alloys tends to form segregation during solidification. 143
Although subsequently thermo-mechanical processes can reduce the segregation, it may still 144 lead to heterogeneity in both the composition and microstructures of the final alloy, hence 145 deteriorating the mechanical performance. The PM approach in this study used fine powders7 Secondly, as-extruded PM FeCoCrNiMo HEA exhibits over 110 MPa increase in UTS 148 compared to PM FeCoCrNi alloy. The alloying of Mo might cause local distortion in the 149 prospective for HEA alloy design. Thirdly, exceptional elongation (around 50%) with good 152 strength has been achieved in most of the FeNiCoCrMn based HEAs with single FCC 153 structure (see Table 1 ). 154 recorded on the axial and radial detectors, respectively. Three different stress levels (0, 418 160 and 755 MPa) are shown. General observations are listed below, followed by detailed 161 quantification: 162
• The diffraction pattern acquired before deformation shows that the alloy is an FCCwhereas they decrease in the radial detector. Interestingly, the intensity of (220) peak 170 decreases, and finally disappears in the axial direction, while it increases in the radial 171 direction. On the other hand, it seems that (311) peak intensity (at least its height) 172 decreases in both detectors. 173
The neutron spectra of the annealed FeCoCrNiMo 0.23 (not shown here) shows a similar 174 trend. With the help of the Rietveld refinement method, the lattice parameter a 0 of both alloys 175 are derived as listed in Table 2 . Annealing slightly decreases the lattice parameter. 176 Fig. 5a and 5b shows the evolution of measured axial lattice strains "#$ %&' parallel to the 177 loading direction for different grain families up to a stress level close to the failure of the as-178 extruded and as-annealed tHEA-Mo alloy, respectively. Note that there are two possible 179 sources that can contribute to peak shifts: (1) (hkl) dependent macro-strain referring to "#$ <=>?@A , 180 and (2) stacking faults referring to "#$ <B . The stacking fault and (hkl) dependent macro-strains 181 can be correlated with the experimentally measured lattice strain via [33, 34] : 182 where u and b are the numbers of non-broadened and broadened components due to stacking 183 faults, respectively, and SFP is the stacking fault probability. 184
In alloys where the stacking fault energy (SFE) is low, a significant amount of 185 stacking fault can be introduced when the sample is strained, which will contribute to the 186 peak shifts. This has been shown to occur in austenitic steels with low SFE [33] . Single phase 187 Similar to that of the as-extruded one (Fig. 5a ), two distinctive stages can be observed. The 209 slope of (200) grain family in the annealed sample becomes smaller than that in the as
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The elastic modulus of various grain orientations are shown in Table 2 (111) and (222) lattice strain as a function of true strain of the as-221 extruded tHEA-Mo alloy. Increasing differences between the two were observed when true 222 strain exceeded 10%. When considering only peak shifts induced by (hkl)-plane dependent 223 macro-strain, the measured lattice strain of the (111) and (222) planes should be exactly the 224 same since they are equivalent crystallographic orientations [33] . However, the occurrence of 225 stacking faults can lead to differences in lattice strain in the (111) and (222) reflections 226
Using equation (2), the stacking fault probability (SFP) was determined (Fig. 5c ). It is 228 noticeable that under 10% true strain, the SFP fluctuates with values less than 0. After 10% 229 true strains, the SFP becomes positive, and continuously increases with applied strain in an 230 almost linear manner, reaching to about 21×10 -3 at the end of deformation. This clearly 231
demonstrates the increasing fraction of stacking faults as deformation proceeds in the asMo alloy. For the annealed sample ( Fig. 5d) , the SFP varies with negative values below 7.6% 235 true strain, and increases to only about 2.5 ×10 -3 before fracture, which is half of the value of 236 the as-extruded sample at a similar strain level, and one magnitude lower than that of the as 237 extruded alloy before facture. This indicates that the amount of stacking faults formed in the 238 annealed sample is insignificant. The particles formed during annealing will strongly 239 influence the evolution of dislocations in the matrix during deformation hence the formation 240 capacity of stacking faults. Specifically, the intermetallic particles can block the motion of 241 dislocations (strengthen the alloy) and prevent the formation of stacking faults in the matrix 242 which means a reduction of stacking fault probability. In both cases, at lower strain levels, 243 the stacking fault probability stays negative, which indicates that the effect of stacking faults 244 on peak shift is not distinct at low strains [36] . In prior studies Eqn. 5 has primarily been used to measure the SFE of pure metals [37] of the SFE, obtaining ~135 mJ/m 2 . Although more indicative of an upper bound (especially 264 as the stacking fault probability is very low adding error to the calculation), the result 265 suggests that the stacking fault energy of the annealed alloy is high enough that the formation 266 of deformation twins is unfavourable. 267
The overlapping SF and partial dislocation bounding them can be considered as 268 then it lowers and broadens. On the other hand, the (220) peak intensity drops to zero when 287 the true stress reaches 900 MPa. Fig. 5f shows the peak intensity on the axial detector as a 288 function of applied true stress of the annealed sample. The trend is very similar to the as-289 extruded sample, although the magnitude of intensity change of the annealed sample is much 290
smaller (e.g. 4 times increase of (111) peak and 2 times increase of (200) peak). Interestingly, 291 the (220) peak disappears when the sample is strained close to failure in both samples. 292
The change of peak intensity is attributed to the re-orientation of grains during the 293 tensile deformation, which could be due to slip/rotation of grains and/or formation of 294 mechanical twins. Grain slip/rotation has been well documented in the literature to account 295 for peak intensity changes [25] . Deformation twinning can also cause a change in peak 296 intensity. Firstly, when grains which are initially oriented to satisfy the diffraction condition, 297 were twinning, the twinned portion can leave the diffraction condition. This reduces the 298 diffraction intensity. Secondly, grains oriented such that when they twin, the twinned portion 299 meets the diffraction condition, which can increase the diffraction intensity [44] . This 300 concept has been used extensively in HCP structured alloys, especially Mg alloys [45] , 301 because the dominant twinning mode ({1012} twinning) in Mg can result in a nearly 90˚ 302 change in crystal orientation, which can cause a significant change in texture and hence peak 303 intensity. However, there are rather limited applications of this concept in FCC structures as 304 it becomes difficult to qualitatively separate the contributions of twinning and grain rotation 305 to the measured peak intensity change. In our case, we would not expect such a significant 306 change of peak intensity (e.g. 11 times increase of (111) peak intensity) by grain rotationgrains, which accounts for the significant intensity increase in the as-extruded tHEA-Mo 309 alloy. If we assume that the annealed tHEA-Mo alloy is unlikely to form twins during room 310 temperature deformation due to its high stacking fault energy, its intensity change can only be 311 a result of grain rotation, which is consistent to the fact that the intensity change of the 312 annealed sample is much smaller than that of the as-extruded sample. However, further work 313 is needed to distinguish the contribution of slip and twinning to the overall intensity change. 314
Ex situ microscopic analysis 315
In addition to the in situ diffraction quantification, we performed correlated TEM and 316 SEM analysis on the failed specimens after in situ neutron measurement. can also be found. It seems the twins are curved, in particularly around the particle (the 322 longer red arrow). Fig.6c shows intersections of twins, forming rhombic blocks. Fig. 6d  323 shows the formation of plate-like microbands in another grain. These TEM images confirm 324 that both twins and microbands have formed during room temperature tensile deformation to 325 accommodate strain. twinning is the primary mechanism; however, grains with an unfavourable orientation for 347 twinning may, alternatively, form microbands to accommodate the strain. 348 Fig. 7a and 7b show the bright field TEM images of the annealed sample after failure. 349
Dense dislocation structures and microbands were observed. The microbands form in one 350 grain but are absent in its neighbour (Fig. 7b) , indicating their dependence on grain 351 orientation. The formation of microbands The SADP shows that no twinning was found in 352 this region. We did not find obvious twins in the TEM sample; confirming the neutron 353 diffraction suggested hypothesis that the annealed tHEA-Mo sample is inhibited from 354 energy. Fig. 7c shows the dark field STEM image of the annealed sample. Quite a few 356 intermetallic particles are found which are enriched in Mo and deficit in Ni and Fe (Fig. 7d) . 357
These submicron intermetallic particles inhibit the motion of dislocations, enhancing the 358 strength after the annealing treatment. 359 Fig. 8a and 8b shows the longitudinal cross-section of the fractured tHEA-Mo sample in 360 the as-extruded and annealed condition, respectively. Elongated micro-cavities are found in 361 both samples. In the extruded sample, the elongated cavities are shown to decorate along the 362 grain boundaries. In the annealed sample, cavities can be seen to locate in conjunction with 363 the particles, indicating that the stress are concentrated around the particles, and the 364 interfacial bonding of the two is weak. In addition, the interface might be a 'sink' for 365 vacancies, resulting in the formation of cavities around the particle/matrix interface and the 366 early fracture of the sample. 367 Fig. 8c and 8d show the fracture surface of the as-extruded and annealed specimen, 368 respectively. Ductile dimples can be found in both samples, and it seems that the as-extruded 369 sample has slightly finer dimples than the annealed one. Intermetallic particles are present 370 inside the dimples in both samples. Note submicron intermetallic particles can be 371 occasionally observed by TEM in the as-extruded alloy, as shown in Fig.8c inset, although  372 we do not observe intermetallic particles by SEM (Fig. 8a) . The annealed alloy is strengthened by those intermetallic particles. However, its 389 ductility decreases due to (1) the weak interfacial bonding between the particles and 390 the matrix, and (2) the decrease of the stacking fault probability inhibiting the 391 formation of deformation twins. 392
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